JOURNAL OF MATERIALS SCIENCE 27 (1992) 3953-3962
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Creep of the particle-hardened commercial Al-Li 8090 alloy has been studied at temperatures
of 425 and 445 K. The measured stress sensitivity of the minimum creep rates changes
abruptly at a given applied stress with stress exponents being around 4-6 at low stresses and
30-40 at high stresses. Creep activation enthalpies were determined by both temperature
cycling and by comparing creep rates at two temperatures at a given applied stress, the results
from both gave the same unrealistically high values. The internal stresses, ., developed during
creep were determined using the strain-transient dip test. These increased linearly with the
applied stress, ¢_, at low stresses and were effectively constant at high stresses. The minimum
creep rate was found to be a simple function of the effective stress, c_-c,, with a stress
exponent of between 5 and 6, at all applied stresses. The dislocation and precipitate structure
of the alloy was examined before and after creep using thin-film electron microscopy. The
initial structure consisted of pancake grains with a well-developed {11 0}<11 2) type texture.
The grains contained well-developed sub-cells and & and S precipitates. The structure
developed during creep consisted of dislocation pairs, single dislocations and dislocations
loops. There was evidence to suggest that slip took place on both {100} and {111} planes.
The dislocation loops were most likely to have been Orowan in character and around the rod-
like S precipitate, with the coherent &' precipitate being sheared by pairs of dislocations. The
measured internal stresses result from inhomogeneity of plastic deformation. These stresses
increase continuously with applied stress up to the observed macroscopic yield stress, and
then become constant. The internal stresses are likely to have arisen from the Orowan loops
around S and the behaviour of sub-grain boundaries. The increases in internal stress may have
resulted from an increased loop density with increasing applied stress. This rate of increase is

likely to slow down if S particles are sheared or fractured at high applied stresses.

1. Introduction

Creep in particle-hardened alloys has been studied
most extensively for systems in which nickel is the
major element [1-10]. These alloys are either
strengthened with ' (NijAl), an ordered L1, super-
lattice structure, or by undeformable oxide particles.
The creep properties of these alloys are characterized,
at least at high stresses, by a very high stress depend-
ence of the minimum creep rate, the exponent » in the
relation between creep rate, £, and applied stress, o,,
& = Aoh, where A is a constant, being in the range
10—40. These stress dependences have been explained
by the fact that creep is driven by the effective stress,
G,—0,, rather than the applied stress, o,.

Recently it has been suggested that o, is an internal
stress [9, 10] as defined by Gibeling and Nix [11]
which can be determined, at least approximately, by
the strain-transient dip test [11]. It has been demon-
strated, at least for Nimonic 91, that major contri-
butors to this internal stress were Orowan loops
around vy’ particles [9, 10].
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Dilute, single-phase, Al-Li alloys behave in the
main as Class II alloys with stress exponents of 4-5,
and with creep being controlled by dislocation climb
[12-14]. There are suggestions, however, of Class I,
viscous glide behaviour at certain stresses and temper-
atures [13—-15]. Higher concentration Al-Li alloys are
strengthened by spherical metastable &' precipitates
(Al;Li), which are isomophorous with vy in nickel
alloys and have the same cube-cube matrix/precipit-
ate orientation relationship. The &' precipitates harden
the alloys, because particles are cut by dislocations
producing anti-phase boundaries at small particle
spacings and dislocations form Orowan loops around
the particles at larger particle spacings [15-18].
Orowan loops have been observed in Al-Li alloys at
temperatures as high as 493 K, some of which have a
surprising long-term stability [18]. The addition of
copper and magnesium to the alloys results in the
precipitation of S (Al,CuMg) and T, (Al,CuLi) phases
which are not easily sheared by matrix dislocations
[17, 19, 20]. The presence of the T, phase, at least,
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seems to lower the particle size at which the transition
from looping to cutting occurs. Harris et al. [21] noted
a pronounced effect of the S precipitates on the creep
rate when comparing creep of an Al-Li—-Mg—Zr alloy
with that of an Al-Li—-Mg—Cu-Zr alloy (8090). The
former alloy contained primarily &' precipitate, while
the latter contained additionally S precipitated pre-
dominantly on sub-grain boundaries. The stress expo-
nent of the creep rate for the alloy containing S was
about 28 while for the alloy containing only &' it was
around 8. Hayashi and Oikawa [22] confirmed the
high stress dependence for the 8090 alloy during creep
at high temperatures (500-650 K) and relatively low
stresses (10-100 MPa). They reported stress expo-
nents of 510 at low stresses and 13—32 at high stresses
which are characteristic of particle-hardened alloys in
general. It was suggested that creep was controlled by
an initial effective stress, o, — o, with a stress expo-
nent of 3.6. The exact nature of the precipitates present
and their distribution was unclear, as are the meaning
and method of determination of the initial threshold
stress of,.

The present work was a study of the creep of a
carefully characterized 8090 alloy, containing pri-
marily 8 and S precipitates. The internal stress was
measured using the strain-transient dip test [9-11].
Thin-film electron microscopy was used to study dis-
location structures and slip systems operating during
creep and in particular to study the role of 8 and S in
determining the internal stress and the creep rate.

2. Experimental procedure

The 8090 alloy was supplied by Alcan via RAE
Farnborough in the form of a 60 mm thick plate of
overall composition: Li 2.3, Cu 1.2, Mg 0.67, Zr 0.13,
balance aluminium (all in mass %). The plate had
been solution treated at 803 K for 30 min, water quen-
ched and given a 2.5% stretch prior to ageing at 463 K
for 16 h. The plate had anisotropic mechanical proper-
ties and an anisotropy of structure. The grain struc-
ture (Fig. 1) consisted of pancake grains of mean
dimensions 1.0 mm x 0.5 mm x 0.05 mm in the direc-
tions L (longitudinal), T (transverse), S (short trans-
verse). Cylindrical creep specimens with threaded
ends, 25.4 mm gauge length and of diameter 4.50 mm
were machined from the plate with the axis of the
specimens being in the L direction. The mechanical
properties of the material varied through the thickness
of the plate. Hence all creep specimens were machined
from bars cut from the plate so that their centre lines
lay at a depth below the surface of one-quarter of the
plate thickness. Such specimens gave reproducible
room-temperature mechanical properties.

Constant stress tensile creep tests were performed in
air, with loading via an Andrade Chalmers cam
[23, 24] over the stress range 200-450 MPa at tem-
peratures of 425 and 445 K. The specimens were
heated via a three-zone furnace and the temperature
was controlled to + 1.0 K over the specimen gauge
length using three thermocouples and a three-term
temperature controller. Strain was measured using
linear variable capacitance transducers capable of
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Figure 1 Grain structure of 8090 alloy shown in three orthogonal
planes.

detecting displacements of 10~® m with an extensio-
meter system resolving strains to + 2 x 10, Strain/
time data were captured via a BBC micro-computer
[25]. Strain-transient dip tests were performed as
described previously [9, 10].

Lattice parameters were determined using a Debye—
Scherrer X-ray camera with Straumanis film moun-
ting. Pole figures were determined using a computer-
ized diffractometer at RAE, Farnborough.

For transmission electron microscopy (TEM) thin
foils were prepared from slices 0.35 mm thick cut from
the creep specimen gauge length and spark eroded to
3 mm diameter discs and polished to a thickness of
0.25mm on 1000 grade SiC paper. The discs were
electropolished using a jet polishing apparatus [24]
and an electrolyte of 25% nitric acid in methanol
at — 15°C at 8-10V and 35-40 mA. The resulting
thin foils were examined in a Jeol 100CX transmission
electron microscopy using bright-field (BF), two-
beam bright-field (TBBF), centred dark-field (CDF),
and weak-beam imaging modes. Film thicknesses
were measured using a convergent-beam technique
[24, 26].

3. Results and discussion
3.1. Structure of alloy 8090
The alloy is anisotropic with a pancake grain struc-
ture as shown in Fig 1. The material exhibits a
{110}<112) type texture with the rolling direction,
the tensile axis of the creep specimens, approximating



to {1125. This texture becomes more developed dur-
ing creep (Fig. 2). Within the grains is a well developed
sub-grain structure (Fig. 3) with approximate mean
dimensions of 25 pm x 20 um x 10 um (L-T-S). The
dimensions of this substructure do not appear to
change on ageing at temperatures of 423-463 K or
during creep tests at 425 and 445 K, of duration up to
50 days.

The initial structure contains spherical & particles
of mean diameter 23 nm with a size distribution of
between 0.25 and 2.0 times this value. This mean value
drops to 21.5 nm during ageing, prior to the start of a
creep test. The &' particles coarsen during ageing with
mean particle diameters increasing as t!/3, reaching
diameters of 32 and 38 nm after 1000 h at 425 and
445 K, respectively, with evidence of particle coales-
cence [27] (Fig. 4). The particle-size distribution be-
comes more skewed with increasing ageing time. The
average 0 particle diameters measured after creep
tests correspond to those determined after similar
ageing times in unstrained specimens. The volume
fraction of 8’ increases with ageing time from an initial
value of 5%, to 8% after 150 h at 445 K and 212 h at
425 K. This is accompanied by a small but continuous
increase in matrix lattice parameter. A similar volume
fraction increase is observed in creep-tested specimens.
The volume fractions were determined by measuring
foil thicknesses using a convergent beam technique
and by counting the numbers and measuring the
diameters of & particles. Allowance was made for
particles cut by the foil surface (as observed in the
SEM) which reduced the volume fractions from ap-
parent values of up to 10% after ageing [24]. This
effect of particle sectioning by the foil surface can be
used to explain, in a large part, the apparent skewing
of particle size distributions at long ageing times [24].
This continuous increase in & volume fraction at
relatively long ageing times has been observed pre-
viously in both binary and quaternary Al-Li alloys
[28-30], although in these cases the effect of foil

Figure 3 Transmission electron micrograph collage showing 8090
subgrain structure; L-T plane.

Figure 4 Transmission electron (CDF) micrograph B = {001)
using {100} & spot. 300 MPa/425 K test. Precipitate necklaces
and coalescence.

surface sectioning was not allowed for. The reason for
this apparent increase is not clear. The simplest ex-
planation would be a movement of the § solvus as a
function of time as a result of time-dependent parti-
tioning of copper and magnesium to or from &

Figure 2 Texture pole figures for 8090 alloy after creep: (a) {220}, (b) {111},

3955



(31, 32]. The change in matrix lattice parameter with
time, referred to above, lends some support to this
argument.

The initial structure also contained needles of the
orthorhombic S precipitate lying along <00 1> matrix
directions, within the sub-grains and at sub-grain
boundaries. The initial precipitates were approxi-
mately 5 nm diameter and of length 200 nm with a
volume fraction of approximately 0.1%. Ageing for up
to 39 days at 443 K caused the volume fraction to
increase to 0.5% as evinced by the pronounced bright-
ening of the S spots in the diffraction pattern (Fig. 5a)
and by the increased length and number of pre-
cipitates observed in bright-field (Fig. 5b). S precipita-
tes were also observed to increase in length and
number during creep tests but seem to be limited to a
length of 300 nm even after very long-term tests.

The T, phase could not be detected in the initial

accelerating in tertiary creep until fracture {Fig. 6).
The initial strain upon loading is largely elastic until
about 400 MPa, above which significant plastic defor-
mation takes place (Fig. 7). The elastic strain follows
that predicted by the modulus measurements (Fig. 8).
Both the primary creep strain (Fig. 9} and the second-
ary creep strain (Fig. 10) are small at low stresses but
increase continuously at high stresses. The measured
minimum creep rates are shown as a function of
applied creep stress in Fig. 11. The stress sensitivity of
the creep rate changes abruptly at 330 MPa at 425 K
and at approximately 300 MPa at 445 K, the stress
exponents being around 4.5 below the break and 35
above the break at 425 K and much more approxi-
mately 7.5 and 44 at 445 K. Approximate values of the

X 0.6
material. After long-term creep tests,.apparent images
of the Ty phase appeared to a limited extent in 0.5+
the appropriate two-beam bright-field condition, al-
though T, diffraction spots were barely discernible, if = 04r
not invisible. 303l
a
202}
3.2. Mechanical test results ©
The creep curves obtained at both 445 and 425 K were 0.1
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Figure 6 Creep curves
420 MPa test at 425 K.
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Figure 5 (a) Selected-area diffraction pattern using B = (001>
showing & and matrix spots plus S streaks. Material aged for 39
days at 443K. (b) Transmission electron (BF) micrograph
B = (001} of material in (a).

tests.
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Figure 7 Initial strain on loading, versus applied stress for (@) 425
and (M) 445 K creep tests; (——) modulus line (73 GPa) for 425 K
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Figure 8§ Tensile modulus versus temperature for the 8090 alloy.
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Figure 9 Primary creep strain versus applied stress for (@) 425 and
(M) 445 K creep tests.
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Figure 10 Secondary creep strain versus applied stress for (@) 425
and (M) 445 K creep tests.
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Figure 11 Minimum creep rate versus applied stress for (@) 425 and
(M) 445 K creep tests.
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Figure 12 Internal stress versus applied stress from strain-transient
dip tests at (@) 425 K.
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Figyre 13 Minimum creep rate versus effective stress for (@) 425K
creep tests.

internal stress were determined at 425 K using the
strain-transient dip test and are shown in Fig. 12 as a
function of applied stress. The internal stress increases
linearly with applied stress below an applied stress
of 330 MPa and becomes constant at high applied
stresses. The creep rate is shown as a function of the
effective stress, 6,—o;, in Fig. 13 where the data are
represented by a single line with a stress exponent of
between 5 and 6.

Activation enthalpies were measured by both tem-
perature cycling and by comparing the creep rates at
the two temperatures at a given applied stress. The
results gave unrealistically high values of approxi-
mately 580 kJmol™! at high stresses and 240 kJ
mol ™ * at low stresses.

Fracture occurs as a result of cracks growing either
along the major grain boundaries nearly parallel to
the stress axis or at 45° to this direction, the former
being predominant at the highest stresses. Pronoun-
ced slip bands were seen in fractured specimens, tested
just above the high-temperature yield stress but these
were absent in the highest stress tests. The time to
fracture increased as the minimum creep rate de-
creased (Fig. 14).

3.3. Dislocation structures developed during
creep

Thin foils were examined from creep specimens stop-
ped in secondary creep and from fractured specimens.
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Figure 14 Minimum creep rate versus time to failure for (@) 425
and (M) 445 K creep tests.

The results are not unambiguous, because it is often
difficult to distinguish between the structures de-
veloped during the initial extension, during primary
and secondary creep and those developed during the
rapid strain prior to fracture. In specimens stopped
during secondary creep, at all but the highest stresses,
bowing single dislocations are seen often accompanied
by dislocation loops (Fig. 15a) and or pairs of disloca-
tions (Fig. 15b). In most cases slip seems to be planar
and only at the highest stresses are dislocation tangles
developed in some sub-grains (Fig. 15¢). The picture in
fractured specimens is similar, consisting of single
dislocations, bowing dislocations and dislocation
pairs (Fig. 16a—c). Two surprising features are ob-
served, firstly in all but the very shortest creep tests
the dislocations are decorated by a precipitate, and
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secondly by far the majority of single dislocations lie
close to {110) and the majority of pairs lie close to
<100).

If specimens are dark-field imaged using known S
spots in the (001), matrix diffraction pattern, both
the dislocation precipitate and the S precipitate in the
matrix appear bright. However, the decorating pre-
cipitate does not lie on the dislocations in one of the
two normally observed S matrix orientations (i.e.
[100],,and [010],, in an [0 0 1], bright-field image)
but at about 25° to one of these corresponding to a
{210}, orientation. It produces an extraneous spot
in the (001),, diffraction pattern (rotated about 25°
away from g = (010),, and with a radial displacement
corresponding to an interplanar spacing of 0.46 nm)
which when used to produce a dark-field image only
shows the precipitate on the dislocations to be bright.
The S precipitate is known to form on {210} matrix
planes as laths orientated in a {100} matrix direction
[33]. Specifically, in an (001),, bright-field image,
precipitate laths growing on a (120), plane in an
[001],, direction would be viewed end on down their
[100], axis direction (Fig. 17). The [120],, direction
would thus correspond to the.[010], direction. This
should then produce an (020), spot in the (001),
pattern having a rotation of 26.5° about the beam
direction and a displacement corresponding to an
interplanar spacing of 0.463 nm. There would norm-
ally not be sufficient S in this orientation to produce
the spot in the (00 1), pattern but the high density of S
on the dislocations makes it visible.

The fact that the dislocations are decorated with S is
hence reasonably certain, the question remains, how-
ever, as to whether this decoration process occurs
during creep or when specimens are cooled to room
temperature. Dislocations in solution-treated speci-
mens are free of precipitate even after ageing at room
temperature for 1 year, as are dislocations in speci-
mens crept at very high stresses for short times. It
seems most probable then that the precipitation takes
place at the creep temperature. This would almost

Figure 15 (a) Transmission electron (TBBF) micrograph B close to
<001 using {200}. 430 MPa/425 K creep test stopped in second-
ary creep showing looping and bowing dislocations. (b) As (a)
showing decorated paired dislocations. (c) Transmission electron
(TBBF) micrograph B close to {1 10} using {111}.400 MPa/425K
creep test stopped in secondary creep showing dislocation tangles.
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Figure 17 The orientation relationship between the S(Al,MgCu)
precipitate, producing the extraneous spot in an {001} diffraction
pattern, and the matrix.

certainly pin the dislocations, if they are not already
pinned. At high stresses it is possible that either
dislocations break free of the precipitates or their
velocity is such that precipitation does not occur.
Precipitation of S takes place during creep at sub-
boundaries and in the matrix and hence would
be expected to form on any relatively immobile
dislocations.

As stated above, when viewing {001} transmission
electron micrographs of crept specimens the majority
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Figure 16 Transmission electron (TBBF) micrograph B close to
<001) using {200}. 300 MPa/425 K fractured creep test showing
paired and bowing dislocations. (b) As (a) showing long paired
decorated dislocations. (c) Transmission electron (TBBF) micro-
graph B close to <001) using {200}. 350 MPa/445 K fractured
creep test showing array of decorated dislocations.

of paired dislocations are orientated close to (100>
directions (Figs 15b and 16b) while most of the single
dislocations are orientated close to (110) (Figs 15a
and 16a). In both cases long lengths of dislocation line
can be observed. The normal deformation mode for
fcc materials is {111}{110> and if slip were
occurring in, say, (111) then long lengths of single
dislocation line could be attributed to dislocations
lying along the [110] direction, as this vector for the
(111) plane is normal to the {001} beam or viewing
direction (Fig. 18a). However, because of the orienta-
tion of the dislocation pairs, if these were lying on the
(111) plane, their line length would be limited by the
projection of this plane within the foil thickness
(Fig. 18b) and thus it is difficult to explain these long
lengths (Fig. 16b) by normal {111}{110) slip. This
raises the interesting possibility that the pairs are not
lying on {111} planes but on or close to {100}
planes.

The {100}{110) slip system is known to operate
in [112] aluminium single crystals during creep tests
at temperatures as low as 453K and to become
increasingly easy as the temperature is raised [34, 35].
It is also known to occur in materials with an LI,
structure ie. y'(NizAl), at temperatures as low as
0.4-0.6 of the absolute melting temperature [36], as
slip on (010) planes results in no first nearest neigh-
bour atomic violations of structure yielding a min-
imum anti-phase boundary energy [37]. Furthermore,
the orientation texture in the present material is such
that a majority of crystals will have {112} closely
aligned to the tensile axis and hence the Schmid
factors for {100} <110) slip are almost always higher
than those for {111}<110) slip.

From the above it can be seen that there is evidence
to suggest that both {111}<110> and {100}<{110)
slip operate during creep in 8090 at 425-445 K. This
would explain the dislocation geometries seen in that
most of the pairs lie on {100} planes, e.g. Fig. 16b,
and are of 45° mixed edge and screw character, al-
though in rare cases pairs on {111} can be found,

3959



{oot) (010]
(111 /
(oo
{a)
[oo1
[010]
{100
(111)
{001
(b}

Figure 18 The projection of (a) the [ — 10 1] direction and (b) the
[ — 110] direction in the (1 11) plane on to the (001) plane.

which could be either screw in character or 60° mixed.
Most of the single dislocations are, however, operating
on {111} planes and when long, are predominantly of
screw or 60° mixed character and when short are
either of edge or 30° mixed character. Furthermore
some of the apparently “bowing” dislocations
(Figs 15b, 16a) could consist of screw dislocations with
segments on both {111} and {100} planes [35, 38]
The above speculation must be treated with some
caution, especially as the effect of S precipitate on the
dislocations may well affect their oriéntations.

3.4. Creep and the internal stress

The creep behaviour of 8090 exhibits similarities with
that of nickel-base alloys strengthened with ¥’ or oxide
particle dispersions [1-10]. The applied stress sensi-
tivity of the creep rate is very high at high stresses
decreasing to more normal values at low stresses
(Fig. 11). The internal stress increases linearly with
applied stress at low stresses and is approximately
constant at high stresses (Fig. 12) as for Nimonic 91
[9, 10]. Furthermore, the creep rate is seen to be a
simple function of the effective stress (Fig. 13) as found
for Nimonic 91 and other nickel-base alloys. In com-
mon with other particle-hardened alloys, anomalously
high creep activation enthalpies are found particularly
at high stresses. This may, in part, arise from the use of
creep rates at constant values of applied stress to
determine the activation enthalpy. It is arguable that
creep rates at constant values of effective stress should
be used.

The internal stress arises as a result of the inherent
inhomogeneity of plastic deformation in two-phase
alloys. In the case of Nimonic 91 [9,10], it was
possible to show that the internal stress was primarily
due to the presence of Orowan loops around vy’ par-
ticles at low stresses, which increased in number with
increasing creep stress, resulting in an approximately
linear increase in internal stress. At high stresses,
partial or complete shearing of ' particles, held the
internal stress approximately constant.
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In the present case the situation is much more
complex. The 8090 alloy has a well developed sub-
structure containing both spherical & particles and
rods of S.

Dislocation loops are observed which may be Oro-
wan in character (Fig. 19), as well as dislocation pairs
suggesting that & particles are sheared. The transition
from cutting to looping occurs at a & particle size of
around 30 nm in the Al-Li 3% binary alloy with a
25% volume fraction of 8 [17] but is reduced con-
siderably in the presence of the T phase [17]. Orowan
loops-around & have been observed in binary alloys
with surprising long-term stability at temperatures as
high as 493 K [18]. It is presumed, here, that these are
stable due to partial penetration of the &' particles and
cannot climb easily within the particles because of the
high energy of the resulting faults as for Nimonic 91
[9, 10]. The stress at which looping of 8" would occur
for the current particle size of 23—38 nm and volume
fractions of 5%-8% is by no means clear, as under
creep conditions looping often occurs well below the
theoretical stress determined using the average par-
ticle spacing, as dislocations seek out the largest par-
ticle spacing [9, 10, 257. In the present case it is clearly
not possible to eliminate the possibility that some of
the observed loops are around &' particles.

The S and T, phases will not be easily sheared by
matrix dislocations and are known to have a signific-
ant effect on maintaining mechanical strength up to
high temperatures [21, 39]. Xiaoxin and Martin [40]
found the work-hardening rate at elevated temper-
atures to be a maximum for alloys containing the
largest volume fraction and size of the S precipitate.
Furthermore, it has been demonstrated that the pre-
sence of S significantly decreases observed creep rates
and dramatically increases the stress dependence of
the creep rate [21]. It is likely, then, that the S rods are
Orowan looped. It must be remembered that the S
structure develops with time during creep, offering
most resistance to dislocation motion at the lowest
stress, although at these low stresses dislocation mo-
tion is slow and minimal, enabling them to bypass
some S particles. At the very highest stresses, S may be
sheared by {100} matrix dislocations, by twinning or

Figure 19 Transmission electron (TBBF) micrograph B close to
<00 1> using {200}. 400 MPa/425 K. fractured creep test showing
loops and an assemblage of paired dislocations.



fracture [41]. It is most likely, then, that the loops
observed are Orowan in nature around S rods which
are stable against climb due to the long climb dis-
tances involved (200-300 nm).

Apart from the presence of Orowan loops, the
sub-grain cell walls themselves may contribute to the
internal stress [42] as well as causing inhomogeneities
of deformation from one cell to another.

The present results show that the measured internal
stress increases with applied stress (Fig. 12) up to the
point at which significant plastic deformation takes
place during the initial extension, (Fig. 7), during pri-
mary creep (Fig.9) and during secondary creep
(Fig. 10). It may well be that this increase in internal
stress results from an increasing density of Orowan
loops, mostly around S, and increased bowing of sub-
grain walls. Above this stress, deformation becomes
more extensive but more homogeneous with slip
bands transversing cell boundaries, orientated con-
sistent with {111} or {100} slip. At even higher
stresses, dislocation networks develop and S particles
may be sheared, resulting in relatively homogeneous
deformation coinciding with a relatively constant in-
ternal stress.

While this very qualitative description may illus-
trate the behaviour of the internal stress as a function
of applied stress, explanations of creep process are
much less certain. The creep process above and below
the break may be similar, differing only as a result of
the change in internal stress. Alternatively, creep may
occur at low stresses by single dislocations or pairs
wiggling their way across slip planes, seeking out the
easiest paths via local climb, under the action of the
effective stress. However, at the highest stresses creep
may be recovery controlled by dislocation motion in a
network, the dimensions of which are related to the
hard particle spacing.

4. Conclusions

Creep in this particle-hardened commercial Al-Li,
8090, alloy shows great similarity to the behaviour
observed in nickel-based alloys hardened with v'. The
stress dependence of the creep rate is exceptionally
high (n = 35-45) and unrealistically high values of the
creep activation enthalpy are determined. This high
stress dependence can be explained, if creep is driven
by the effective stress, o,~o;, rather than by the
applied stress, o,. The applied stress dependence of
the internal stress, o;, as measured by the strain-
transient dip test, also mirrors that observed for
nickel-based alloys [9, 10], o, increasing linearly at
low creep stresses but becoming approximately con-
stant at high stresses. The exact origin of the internal
stress is uncertain. It is clear, however, that it is the
inhomogeneity of plastic deformation at low stresses
which is the general source and that the looping
around rods of S precipitate must make a contribu-
tion. When large-scale near-homogeneous plastic de-
formation takes place, at high stresses, the internal
stress ceases to rise. The detailed role of &', S and the
sub-boundaries in this process could only be studied
in any fundamental way by testing Al-Li—X alloys in

which both the precipitate structure and dislocation
microstructure could be varied significantly, i.e. 8 with
no S, S or T with no &, and & of such a size that it is
sheared or looped, etc. One other interesting possibil-
ity, suggested by this work, is that some {100} <{110)
slip may occur during creep. Whether this is a general
phenomenon in Al-Li alloys or is peculiar to the well-
developed texture in this alloy needs to be investigated
further, particularly in higher volume fraction &’ alloys
at higher temperatures.
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